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The synthesis and properties of carbonated apatite materials have received considerable

attention due to their importance for medical and dental applications. Such apatites closely

resemble the mineral phase of bone, exhibiting superior osteoconductive and osteogenic

properties. When formed at physiological temperature they present significant potential for

bone repair and fracture fixation. The present study investigates the mechanical properties

of a carbonated apatite cancellous bone cement. Flexural strength was measured in three

and four point bending, and the fracture toughness and fatigue crack-growth behaviour was

measured using chevron and disc-shaped compact tension specimens. The average flexural

strength was found to be &0.468 MPa, and the fracture toughness was &0.14 MPaJm.

Fatigue crack-growth rates exhibited a power law dependence on the applied stress intensity

range with a crack growth exponent m"17. The fatigue threshold value was found to be

&0.085 MPaJm. The mechanical properties exhibited by the carbonated apatite were found

to be similar to those of other brittle cellular foams. Toughness values and fatigue

crack-growth thresholds were compared to other brittle foams, bone and ceramic materials.

Implications for structural integrity and longer term reliability are discussed.
1. Introduction
The synthesis and properties of apatitic materials
which closely resemble the mineral phase of bone have
received considerable attention due to their import-
ance for medical and dental applications [1].
For example, hydroxyapatite (HA) and tricalcium
phosphate mixtures have been used extensively as
sintered coatings to promote bone ingrowth on load-
bearing prosthetic components. In addition, such por-
ous coatings provide mechanical interdigitation and
encourage bone ingrowth without the formation of
intervening fibrous tissue [2, 3]. More recently, how-
ever, attention has been focused on carbonated apa-
tites in which carbonate ions (CO~2

3
) substitute in

either phosphate (PO~3
4

) or hydroxyl (OH~1) sites to
form a bioactive apatite with enhanced dissolution
and osteoclast mediated resorption properties [4]. In
particular, such carbonated apatites formed from
a cementitious paste at physiological temperatures
hold the promise of in vivo fixation of fracture sites.
Applications include repair of distal radius and tibial
plateau fractures and augmentation of the sliding hip-
screw in femoral intertrochanteric fractures.

The superior osteogenic properties of carbonated
apatites formed at low temperature from a cementi-
tious reaction can be explained by the microstructural
and chemical similarities of such apatites to bone
mineral [5, 6]. Preliminary investigations of routine
0957—4530 ( 1997 Chapman & Hall
bone remodelling mechanisms have clearly identified
Haversian canals tunnelling through a commercially
produced carbonated apatite within several weeks of
implantation (Fig. 1) [7]. X-ray diffraction results
show that, like the mineral phase in bone, carbonated
apatites have a low crystalline order and small crystal
size as compared to pure mineral hydroxyapatite
[4, 8]. The crystalline imperfections and distorted
crystal structure in bone mineral and carbonated apa-
tite are largely due to the substitution of carbonate
anions in phosphate sites [9, 10]. These characteristics
also contribute to the higher solubility of bone min-
eral and carbonated apatite as compared to sintered
hydroxyapatite. In addition, similar calcium-to-phos-
phate ratios and Scherrer perfect crystal size of bone
and the carbonated apatite under investigation are
also apparent; typical values are presented for com-
parison in Table I.

Studies investigating the mechanical properties of
apatites show that microstructural and mechanical
characteristics strongly depend on preparation condi-
tions, including the temperature, pressure during
formation, and, for apatites formed from aqueous
solutions, the liquid-to-solids ratio [12]. In general,
sintered hydroxyapatites show the highest strength
values [13], yet the high temperatures involved in
their formulation limit their biomedical applications.
Apatites that can be shaped and moulded in vivo
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Figure 1 Optical histologic micrograph indicating evidence of os-
teoclastic remodelling of carbonated apatite material. Both Haver-
sian canals (HC) and associated osteoclat (OC) are clearly seen
extending from the host bone (light grey) into the calcium phos-
phate material (dark grey) [7].

TABLE I Comparison of bone mineral and carbonated apatite
[4, 8, 11]

Bone Carbonate
apatite

Ca/P 1.66—1.77 1.67
% CO

3
(by weight) 4.65 4.6

Scherrer crystal size (nm) &20 &20

before hardening at physiological temperature present
the greatest possibilities for bone repair although cur-
rently at a significant strength penalty. For example,
Martin and Brown [12] compared the mechanical
properties of calcium-deficient and carbonated hy-
droyapatites formed at physiological temperature.
Specimens prepared at a pressure of 70 MPa had
compressive strengths of 142 MPa for the calcium-
deficient and 67 MPa for a carbonated apatite.
Flexural strengths in three-point bending were 14 MPa
and 12 MPa, respectively. The above compressive and
tensile strengths are typically 60—85% lower than sim-
ilarly obtained values reported for both dense and
porous sintered hydroxyapatites [14].

Typical of brittle ceramic materials in which frac-
ture strength is flaw dominated, the strength of car-
bonated apatites is found to be strongly dependent on
internal porosity. Logarithmic increases in strength
have been reported with decreasing porosity obtained
by changing the liquid-to-solids ratio of wet reactants
for carbonated apatites produced at physiological
temperatures [12]. Similar increases in the fracture
toughness (K

I#
) have been reported with decreasing

porosity for sintered hydroxyapatite [15]. However,
fracture toughness data is not currently available for
carbonated apatites formed through cementitious
560
Figure 2 Mineralogic development of carbonated apatite material
indicating (a) the percentage of carbonated apatite formed, and (b)
the compressive strength development during curing in bovine
serum at 37 °C [16].

reactions at physiological temperatures. There is
a similar paucity of data for the extension of flaws or
cracks due to subcritical crack-growth processes, for
example, from cyclic fatigue crack growth. Accord-
ingly, the intent of the present study was to investigate
the mechanical properties of a commercially available
carbonated apatite bone mineral substitute formed at
physiological temperature. Specifically, the flexure
strength was measured in both three and four-point
bending to account for brittle fracture statistics. In
addition, the fracture toughness and fatigue crack-
growth behaviour were measured using techniques
specially adapted for testing of extremely brittle ma-
terials. Data are compared to other brittle materials
and fracture mechanisms discussed in terms of the
prevailing microstructure and inelastic deformation
characteristics.

2. Experimental techniques
2.1. Material preparation
The carbonated apatite selected for study was a bone
mineral substitute known as Norian Skeletal Repair
System, SRSt (Norian Corporation, Cupertino, CA).



Norian SRS was supplied as a three-component sys-
tem: a calcium source powder containing tricalcium
phosphate and calcium carbonate, a phosphate source
powder containing monocalcium phosphate mono-
hydrate, and a phosphate-buffered solution. Prepara-
tion of Norian SRS consists of a dry mix, a wet mix,
a setting time, and a curing period. The 30 s dry mix
involves mixing the two source powders together with
a mortar and pestle. The solution is then added and
a 2 min wet mix ensues. After mixing, the Norian SRS
has a paste-like consistency and is injectable into the
fracture site or sample mould during a working period
of &5 min. Reaction rate is temperature dependent
and subsequent hardening of the paste over the fol-
lowing 20 min is accelerated at physiological temper-
ature of 37 °C. The curing process takes place over the
following 20—40 h (Fig. 2a), although after 1 h SRS has
achieved 50% of its ultimate compressive strength of
55 MPa (Fig. 2b).

The formation of the present carbonated apatite is
a cementitious reaction which hardens via an acid/
base neutralization reaction. The reaction begins on
the surface of the reactant calcium and phosphate
source particles once wetting has occurred. A solu-
tion/reprecipitation mechanism results in the forma-
tion of an intermediate dicalcium phosphate dihydrate
(brushite) phase. As the reaction product encases the
reactants, the reaction grows inward, decreasing the
size of the reactant cores. Bridges are also formed
between the encased reactant particles leading to
microporosity between the particles ((1 lm in size).
The bridging structure becomes more dense over time,
decreasing the porosity to &50% and leading to a
final carbonated apatite with a molar calcium-to-
phosphate ratio of 1.67 [8]. The microstructural de-
velopment of calcium phosphate during curing has
been documented [16] and is reproduced in Fig. 3
which shows a sequence of SEM micrographs taken at
various times after mixing. Similar to the mineral
phase of bone, the final carbonated apatite has a cellu-
lar microstructure which behaves, from a mechanical
property viewpoint, like a brittle cellular foam. This
resemblance is considered throughout the remainder
of the study.

2.2. Flexural strength and hardness
Tensile flexural strength measurements were per-
formed in both three- and four-point bending on rec-
tangular bars 10]10 mm in cross-section and 78 mm
long. The flexure bars were prepared by packing wet
SRS paste into a Delrin mould. The mould was placed
on a vibrating platform for 30 s which caused SRS to
flow, evenly filling the mould and substantially reduc-
ing the macroporosity compared to samples prepared
with no vibration. A mould cover was subsequently
clamped in place to apply a pressure during the setting
phase of &10 MPa. The mould was immediately
placed in a water bath at 37 °C for 20 min. The speci-
men was then removed from the mould and placed in
Figure 3 Microstructural development of a carbonated apatite material during curing showing (a) thin plates of brushite among reactant
particles immediately after mixing, (b) a tricalcium phosphate reactant particle surrounded by brushite after 12 minutes, (c) the honeycomb
structure of the carbonated apatite after 1 hour, and (d) the final morphology similar to a brittle cellular foam with small crystals of
carbonated apatite forming the cell walls [16].
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a phosphate-buffered Ringer’s solution at 37 °C where
it was allowed to cure for 24 h. All four long sides of
the specimens were wet-sanded with 600- and 1000-
grit sandpaper and the corners of the cross-section
given slight radii to reduce the occurrence of sample
failure at corner flaws during testing. The specimens
were continually immersed in the phosphate-buffered
solution until testing in order to simulate in vivo con-
ditions.

The flexure bars were subsequently tested in three-
and four-point bending using an outer loading span of
52 mm and for the four-point bend an inner span of
26 mm in a fully articulating bend fixture. Particular
care was taken to ensure that the loading rollers were
properly aligned on the sample surface to prevent off-
axial loads. Testing was conducted in an electro-servo-
hydraulic mechanical test system (MTS-810 load
frame with MTS-458 analog controller) with a dis-
placement rate of 0.5 lm/s. Flexure bar displacements,
measured with a high resolution displacement trans-
ducer attached close to the sample load points, was
recorded as a function of the applied loads on an X—Y
recorder. Appropriate corrections were made for ec-
centric load application, contact point tangency shift,
and changes in moment of inertia of the cross section
due to the round corners [17].

Polished surfaces of the fractured bend samples
were subsequently used for hardness measurements
using a Vicker’s diamond indenter. Since the hard-
ness of a brittle foam is known to be a strong func-
tion of the indenter contact area, hardness values
of the carbonated apatite material were measured
as a function of the indenter contact area which
was varied by using indentation loads in the range
0.2—1.5 kg. Reported hardness values were obtained
by averaging data from at least 10 indentation
impressions.

2.3. Fracture toughness
Fracture toughness of the calcium phosphate material
was measured using two fracture mechanics based
techniques specially developed for brittle materials
testing: chevron-notched bars without a starter crack,
and disc-shaped compact tension specimens contain-
ing long ('5 mm) through thickness fatigue prec-
racks. The chevron-notched bar fracture toughness
method has the advantage of not requiring precrack-
ing of the sample to produce an atomically sharp
crack and has been used extensively for brittle mater-
ials testing where precracking is extremely difficult
[see 18—20]. Instead, stable crack growth is assumed
to occur in the increasing thickness of the chevron
region until at maximum applied load, unstable frac-
ture occurs. The crack length at unstable fracture is
not required to determine K

I#
. Alternatively, more

accurate measures of the toughness can be obtained
using compact-tension samples containing controlled,
atomically sharp precracks. These techniques have
been specially adapted for brittle materials testing
[21] and used for fracture toughness and subcritical
crack-growth measurements in very low toughness
pyrolytic carbon materials used for prosthetic heart
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Figure 4 Fracture mechanics based fracture toughness sample geo-
metry showing (a) the chevron notch specimen and (b) chevron
notch geometry, and (c) the round compact tension DC(T) speci-
men.

valve applications [22, 23]. This method, however, in-
volves significantly more complex experimental
precracking, crack length monitoring and mechani-
cal testing capabilities. Both specimen types were
machined wet and kept immersed in 37 °C phos-
phate-buffered Ringer’s solution until testing.

2.3.1. Chevron-notched bar test
Flexure bars for the chevron-notch test were prepared
in the same manner and of the same size as for
strength testing. The chevron notch was carefully ma-
chined using a 300 lm thick circular diamond saw
blade. The cross-sectional dimensions of the chevron-
notch region are shown in Fig. 4a. Samples were
loaded in a fully articulating four-point bend fixture
with inner and outer loading spans of 20 and 40 mm,
respectively. Loading was accomplished in similar
fashion to the strength tests and applied loads re-
corded as a function of the load point displacement.
Further details of the method have been described
elsewhere [18].

The fracture toughness, K
I#
, was calculated using

the equation derived by Munz et al. [18]:

K
I#
"

P

BJ¼

½*
.*/

(1)

where P is the applied load at failure, B the sample
thickness, and ¼ the width. ½* is a dimensionless



coefficient dependent on specimen geometry and is
given by:
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sions shown in Fig. 4b.

2.3.2. Compact-tension test
Disc-shaped compact-tension specimens DC(T) were
machined from 51 mm round blanks prepared in a
Delrin mould using identical procedures to those
described for the strength samples. Machining was
performed after a 5-day curing period to allow the
samples to achieve maximum strength, thereby reduc-
ing inadvertent sample breakage. The resulting DC(T)
samples had standard in-plane dimensions scaled ac-
cording to the specifications of ASTM E399—90 for the
Plane-Strain Fracture ¹oughness of Metallic Materials
[24] with a width ¼"39 mm and a thickness B"

6 mm (Fig. 4c). One side of each specimen was po-
lished to an optical finish to permit in situ observation
of the crack during testing. Fracture toughness was
determined under monotonically increasing loads
(displacement control) following precracking and cyc-
lic fatigue crack-growth testing described below. Pro-
cedures essentially conform to ASTM E399—90 for the
measurement of toughness at incipient crack exten-
sion [24]. Since these tests all involve sharp cracks,
measured toughness values may be smaller than
values obtained from techniques that rely on a ma-
chined blunt notch as the initial crack. Such discrep-
ancies have previously been reported for pyrolytic
carbon/graphite composites [22]. Testing was con-
ducted in an environmental chamber surrounding the
sample which contained de-ionized water.

The fracture toughness, K
I#
, was calculated using

standard handbook solutions for the applied stress
intensity factor in terms of the applied load P and
crack length a as [25]:

K
I#
"

P

BJ¼

f (a/¼) (3)

where
f (a/¼ )"
(2#a/¼ ) (0.76#4.8a/¼!11.58(a/¼ )2#11.43(a/¼ )3!4.08(a/¼ )4)

(1!a/¼ )3@2
(4)
Owing to the extreme brittleness of the present
carbonated apatite material, the initiation of the pre-
crack was one of the most critical procedures in the
test. A preliminary value for the fracture toughness,
K

Q
, was measured by loading one specimen without

pre-cracking to failure. Such values have been pre-
viously used to estimate the toughness of diamond
[26]; an approximate analysis to allow for the devi-
ation of the notch root radium (76 lm) from the sharp
crack assumption indicates that the value of K
I#

may
be 50% less than K

Q
. In the current work, the meas-

ured value of K
Q
"0.1 MPaIm was used to deter-

mine a suitable *K("K
.!9

!K
.*/

) value for fatigue
pre-cracking. (Subsequent comparison of the value of
K

Q
with K

I#
values measured using sharp precracks

indicated that K
Q
&K

I#
presumably because the ex-

treme brittleness of the material resulted in precracks
emanating from the machined notch.) Stable crack
initiation was facilitated by machining a wedge-
shaped starter notch and by carefully growing the
crack roughly 5 mm out of this region by fatigue under
computer control. Crack initiation was detected by
carefully monitoring the load point displacements and
sample compliance during initial cyclic loading.

2.4. Fatigue-crack growth
Cyclic fatigue-crack propagation was measured prior
to fracture toughness testing using the DC(T) speci-
mens described above in general accordance with the
ASTM Standard E 647-86a for measurement of fa-
tigue-crack growth rates in metallic materials [27].
These standard techniques have been modified for
brittle materials using procedures outlined by Daus-
kardt and Ritchie [21, 22]. Specimens were cyclically
loaded at a load ratio R("K

.*/
/K

.!9
, where K

.*/
and

K
.!9

are the minimum and maximum values of the
applied waveform, respectively) of 0.1 and a frequency
of 25 Hz (sine wave) in closed-loop stress-intensity
control. Testing was performed in an environmental
chamber surrounding the sample with de-ionized
water. The chamber was equipped with a viewing port
to facilitate direct optical observation of the crack.

Crack length was continually measured both op-
tically and using compliance techniques. Optical
measurements were achieved using an optical micro-
scope with a long focal distance on a high resolution
translation stage to a resolution of &20 lm. Using
a high resolution displacement sensor, the load point
displacement was monitored as a function of the ap-
plied loads to determine the specimen compliance.
Crack length was then determined using standard
numerical compliance techniques to a resolution of
&50 lm. Compliance measurements were also cor-
rected for any nonlinear behaviour at lower loads
associated with fatigue crack closure effects rising
from premature contact of the fracture surfaces during
the unloading cycle [28].
Due to the extreme brittleness of the material,
crack-growth rates, da/dN, were only determined un-
der computer-controlled K-decreasing conditions
over the range &10~6 to 10~9 m/cycle. The crack-
growth fatigue threshold, *K

TH
, is generally defined

operationally as the maximum value of *K at which
growth rates do not exceed 10~10 m/cycle, consistent
with ASTM E 647 procedures [27]. In the present
experiments, thresholds were approached by varying
563



Figure 5 (a) Load versus displacement curves and (b) stress versus
strain curves measured using wet three- and four-point bend sam-
ples at a displacement rate of 0.5 lm/s.

the applied loads so that the instantaneous values of
crack length (a) and *K changed according to the
equation [29]:

*K"*K
0
exp [C*(a!a

0
)] (5)

where a
0

and *K
0

are the initial values of a and *K,
and C* is the normalized K-gradient ((1/K)(dK/da)),
which was set to $0.08 mm~1. Data are presented in
terms of the applied stress-intensity range (*K"

K
.!9

!K
.*/

). Stress intensities were computed from
Equation 3.

3. Results and discussion
3.1. Flexural strength and hardness
Load versus displacement curves measured during
flexure testing of three- and four-point bend bars were
essentially linear until failure, indicating that very
little inelastic deformation had occurred (Fig. 5). Only
very slight nonlinearity was evident at loads in excess
of 85—95% of the fracture load. Average mechanical
properties are presented in Fig. 6 and summarized in
Table II. (Note that the values reported should only
564
Figure 6 Average flexural strength and elastic modulus of Norian
SRS carbonated apatite material determined using three- and four-
point end samples tested immediately after removal from ( ) phos-
phate-buffered Ringer’s solution (wet) and ( ) after exposure to
ambient laboratory air for 15 min (dry).

be used as an indication of strength. In brittle mater-
ials, strength is controlled by fracture processes in-
itiated from pre-existing distributions of flaws.
Strength values should properly be interpreted using
a Weibull statistical approach, however, the large
number of tests required was beyond the scope of the
present study.) Also included in the table for compari-
son are tensile and compression test results performed
on samples which were allowed to set under a pressure
of 10 MPa and subsequently cured for 24 h in a phos-
phate buffered solution at 37 °C [30]. SEM micro-
graphs of the resulting fracture surfaces showed
extensive microcracking concentrated around macro-
pores. Failure appeared to initiate at surface flaws
(pores) (Fig. 7a) and the initiation site was often sur-
rounded by subtle beach markings. Fractures were not
confined to one fracture plane indicating that multiple
cracks may have formed and linked to produce the
final fracture surface containing abrupt changes in
fracture plane (Fig. 7b).



Figure 7 SEM micrographs of representative fracture surfaces ob-
tained during strength testing, showing (a) fracture initiation typi-
cally associated with large surface pores, and (b) evidence that
multiple initiation sites lead to resulting fracture surfaces with
abrupt changes in fracture plane.

Similar to bone, the carbonated apatite under in-
vestigation has a cellular structure (porosity &50%)
which, from a mechanical property viewpoint, appears
to behave like a brittle foam. In tension, the linear
elastic behaviour is controlled by cell wall bending
and stretching to the yield stress, r

:4
, followed by

inelastic hardening behaviour as the cell walls micro-
crack and rotate towards the tensile axis [31]. In
brittle foams, plastic behaviour is often curtailed by
fracture at a weak cell wall or pre-existing defect. For
the present materials, the statistical nature of such
premature brittle fracture is clearly revealed by the
lower flexure strengths measured in four-point com-
pared to three-point bending (Fig. 6). This is consis-
tent with the probability of finding a larger (and hence
weaker) flaw in the four-point flexure test; the constant
outer fibre stress between the inner loading points of
the four-point test samples has a greater surface area
and therefore a greater probability of failing from a
larger flaw. In compression, significantly higher
strengths are apparent as higher loads are required to
cause collapse of the cell walls by brittle crushing.

A significant reduction in strength was measured for
samples that were allowed to dry for 15 min prior to
testing. Two effects are consider to promote such
Figure 8 Vicker’s hardness of Norian SRS carbonated apatite as
a function of the applied indentation load, P.

strength degradation. First, water is absorbed during
curing as the apatite forms in a hygroscopic reaction.
Removing the samples from solution therefore results
in drying as the water both evaporates and is absorbed
by the apatite reaction. Differential shrinkage of the
sample between the surface layers and interior results
in microcracking which was apparent by inspection of
the samples. When present, microcracking may clearly
be expected to significantly decrease the fracture
stress. A second effect which may result in increased
strength in the wet samples is associated with the
additional force required to cause viscous flow of the
fluid through the interconnected porosity of the open
cellular structure. An investigation of the contribution
of viscous flow to the strength of a number of cellular
solids has been undertaken; the effect was found to be
dependent on the strain rate, the viscosity of the fluid
and the reciprocal of the cell size, squared [31].
Clearly a strain rate dependence of the measured
strengths should therefore be anticipated for carbon-
ated apatite materials.

The hardness of brittle foams is known to be depen-
dent on the indenter area. This dependency results
from a statistical process in which larger indenter
areas sample a greater number of cell walls leading to
a maximum indentation stress inversely proportional
to A1@2, where A is the indentation area [31]. The size
effect has been shown to persist to values of A much
larger than the cell size. In addition, while the smaller
indentation area might produce a larger indentation
stress, it also has a greater probability of not contact-
ing as many cell walls leading to a greater scatter of
hardness data. Both trends were observed in the pres-
ent study. The effect of indenter load on the Vicker’s
hardness, H

V
, of the carbonated apatite material

studied is shown in Fig. 8. Decreasing hardness with
increasing indenter load and hence indenter contact
area is clearly apparent in the figure. Similar trends
are observed if the indentation stress (indentation
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Figure 9 Indentation stress plotted as a function of the indentor
contact area clearly indicates the trend of decreasing indentation
stress with increasing indentor contact area expected for brittle
cellular foams. Dashed line indicates average value of indentation
stress data.

TABLE II Flexure strength and elastic modulus of Norian SRSTM

carbonated apatite

Number of Test Environ- r
&

r
:4

E
samples ment (MPa) (MPa) (GPa)

1 3-pt dry 0.69 0.47 0.70
2 3-pt wet 1.29 — 2.64
6 4-pt dry 0.51 0.41 0.87
2 4-pt wet 1.06 — 2.01
— Tension1 wet 2.1 — —
— Compression2 wet 55 — —

1Dimetral tension test [8, 30].
2Tested in accordance with ASTM F451 [30].

load/projected indenter area) is plotted as a function
of the indenter contact area as shown in Fig. 9; the
average value of the indentation stress is shown as
a dashed line. In addition, the expected increase in
scatter of the data is also clearly apparent for smaller
indenter contact areas.

The effect of contact area on indentation stress may
be important when carbonated apatite materials are
used in fracture fixation. In these applications, the
material is used as a cement between two rough sub-
strates. Asperities on either of the adjacent substrates
may result in high local stresses. This may, however,
be counteracted by the increasing hardness (indenta-
tion stress) associated with smaller contact areas.
These effects may have implications for attaching car-
bonated apatite materials to high modulus substrates
such as metallic screws in bone fixation application.
On the other hand, compliant substrates tend to
sample a greater number of cell walls. These consider-
ations, however, are beyond the scope of the present
study.
566
Figure 10 Fracture toughness determined using chevron-notched
bend bars (r) and ASTM-styled disc-shaped compact tension sam-
ples (n) plotted as a function of the critical crack length at fracture.

3.2. Fracture toughness
Due to the extreme brittleness of the present material,
the fracture toughness was initially assessed using the
chevron notched beam technique which was specifi-
cally developed for brittle materials testing. The aver-
age fracture toughness value determined was K

I#
"

0.06 MPaIm. Following fracture, the initial crack
length which occurred before unstable fracture of the
sample at maximum load was determined by optical
examination of the fracture surfaces. The resulting
values of K

I#
are plotted as a function of crack length

in Fig. 10. Also included in the figure are values of
K

I#
determined using DC(T) samples discussed below.

No clear trends of toughness with stable crack exten-
sion were observed for the chevron notch samples. It
should be noted that the chevron notch test is not
expected to produce accurate values of the toughness
given complexities of crack growth in a variable thick-
ness notched region as well as assumptions made
regarding the analysis of the associated load displace-
ment data (the analysis implicitly includes a crack
length at unstable fracture). The data does, however,
provide an indication of the extremely brittle nature of
the SRS material.

While significantly more complex experimentally,
values of the plane strain fracture toughness deter-
mined using DC(T) fracture mechanics samples are
considered to be more accurate and provided an aver-
age K

I#
"0.14 MPaIm. Individual values of K

I#
are

plotted as a function of the fatigue pre-crack length in
Fig. 10. No clear evidence of resistance-curve (R-
curve) behaviour in which the resistance to crack
growth increases with initial crack extension was
apparent. Such behaviour is typical of many brittle
materials in which toughening in a process zone sur-
rounding the crack, or bridging elements spanning the
crack faces, results in irreversible energy dissipation in
the crack wake [32]. However, since toughness
measurements were conducted after fatigue testing,



the entire R-curve may not be sampled since crack
extension would begin at the final value of K

.!9
of the

previous fatigue loading cycle. Similar to the chevron
notch tests, a relatively large scatter in the DC(T)
toughness values was also apparent. Such scatter is
not uncommon for low toughness brittle materials, for
example, similar scatter has been reported in the R-
curve toughness behaviour of pyrolythic carbon
materials [22, 23].

The toughness of the present carbonated apatite
material is low compared to most engineering mater-
ials, although it is similar to other brittle cellular
materials such as pyrolythic carbon composites
(K

#
&1.6MPaIm) used for artificial heart valve pros-

theses [33], chalk (K
#
&0.09 MPaIm) [29], dental

enamel (K
#
&1 MPaIm) [34], and many brittle poly-

mer and ceramic foams where toughness values of
&0.1 MPaIm have been reported [35, 36]. These
values have important implications for the resulting
strength of the material, which is fracture dominated,
as well as for the associated flaw tolerance and long-
term reliability. Alternatively, when processed as elev-
ated temperature, the fracture toughness of sintered
hydroxyapatites has been recorded as high as 1 MPaIm
when the porosity was reduced to 5% [15]. Interest-
ingly, while the SRS carbonated apatite is similar in
composition and cellular structure to the mineral
phase of bone, the toughness of wet bone is consider-
ably higher at 2—7 MPaIm [37], and generally about
60% lower when thoroughly dried. Only at very high
strain rates (&7 s~1) were comparable toughness
values of &0.23 MPaIm reported for bone [38]. The
large difference in the fracture toughness of bone and
SRS can in part be attributed to the composite nature
of wet bone, containing both organic and inorganic
(mineral) phases. Even when dried, the organic phase
containing strong collagen fibres and other organic
matter imparts significant toughness to the otherwise
brittle cellular structure. Interesting possibilities there-
fore exist for toughening carbonated apatite materials
through incorporation of reinforcement phases either
in the form of hard particles or platelets, or in the form
of organic second phases.

3.3. Fatigue crack-growth behaviour
Cyclic fatigue-crack propagation data as a function
of the applied *K measured in a de-ionized water
environment are plotted in Fig. 11. The cyclic fatigue-
crack propagation of Norian SRS displays a power-
law dependence on the stress-intensity range similar to
metallic materials and in agreement with data from a
wide range of other brittle ceramic materials [21—23,
39]. Growth rates can be fitted to a conventional Paris
law relationship [40] of the form:

da

dN
"C(*K)m (6)

where the constant C and crack-growth exponent
m have values of 1.03]1011 and 17, respectively.
These values typically depend on the material and
environmental combination. The value of m (repres-
Figure 11 Experimental data showing cyclic fatigue-crack propaga-
tion rates, da/dN, as a function of the stress-intensity range, K
("0.9 K

.!9
), for round disc-shaped compact tension DC(T)

specimens of Norian SRS carbonated apatite containing long
through-thickness cracks. Tests were performed in an environ-
mental chamber containing de-ionized water. 25 Hz, R"0.1.
r Test 1; ¤ Test 5.

enting the slope of the fatigue growth-rate curve) is in
the range commonly observed for brittle materials
(e.g. 10!80), but is considerably larger than typically
reported for metals (2—4). The value of the fatigue
threshold, *K

TH
, measured at a maximum growth

rate of &10~9 m/cycle, was found to be &0.085
MPaIm which is approximately 60% of K

I#
, again

typical of other brittle ceramic materials. Values of C,
m and *K

TH
for the SRS carbonated apatite tested are

compared with other ceramic and brittle cellular ma-
terials in Table III. Similar to fracture toughness
values, fatigue crack-growth rates and associated fa-
tigue threshold occur at extremely low values of the
applied stress intensity range, *K. To the best of our
knowledge, only brittle polyurethane foams exhibit
fatigue crack growth at such low values of the applied
*K.

In the fatigue of brittle materials like ceramics,
considerable effort has recently been directed to dem-
onstrating that fatigue crack growth is a true cyclic
fatigue phenomena, and not simply associated with
environmentally assisted crack growth [21, 22]. While
a detailed description of the micromechanisms of fa-
tigue crack growth in these materials remains elusive,
it is now widely recognized that mechanisms acting
behind the crack tip, such as progressive wear degrada-
tion of bridging grains and intact matrix elements in
the crack wake, lead to a reduction of the associated
toughening mechanism and exposure of the crack tip
to more of the applied loads [22, 39, 41, 42, 45]. The
problem in brittle materials has been to postulate
mechanisms of fatigue damage which do not depend
on dislocation motion and associated plasticity as is
typical observed in metallic materials. Similar consid-
erations may be applied to brittle cellular materials
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TABLE III Values of C and m (in Equation 1) and the threshold *K
TH

for some ceramic materials

Material K
#

C m *K
TH

Ref.
(MPam1@2) (m/cycle(MPam1@2)~.) (MPam1@2)

Norian SRS 0.14 1.03]1011 17 0.085 Present study
Carbonated apatite
Al

2
O

3
—SiC

8
4.5 1.12]10~17 15 2.7 39

Alumina (99.95% pure) 5.1 5.5]10~56 32 2.8 41
Mg-PSZ 2.9—16.0 2]10~14—1.7]10~48 21—42 1.6—7.7 21
(low to peak toughness)
Silicon nitride (NTK) 5.8 4.4]10~53 30 3.4 42
Graphite/pyrolytic C &1.6 1.86]10~18 19 &0.6 23
Phenolic cellular 0.05—0.08 9.58]108 10.4 0.015—0.022 29, 43
Foam (170 kg/m3)
Cortical bone 3.2—8.0 1.47]10~18 4.4 2.5 44, 45
Figure 12 Low-magnification SEM micrograph of the fracture sur-
face formed by fatigue and subsequently fast fracture. The boundary
between the two regions is clearly apparent. Horizontal arrow
indicates direction of crack growth.

which will exhibit only very limited, if any, dislocation
activity. As discussed above, inelastic constitutive be-
haviour in the present carbonated apatite material
may be associated with microcracking and rotation of
cell walls to the tensile axis. Under repetitive fatigue
loading, accumulated damage in the form of a micro-
cracked zone ahead of the crack tip, together with
wear degradation of unbroken cell walls and contact-
ing asperities behind the crack tip may both contrib-
ute to cyclic fatigue crack growth. In addition, crack
growth may be accelerated by the presence of the
physiological environment through processes of slow
crack growth (stress-corrosion cracking in metals ter-
minology).

Some indication of the prevailing fracture mecha-
nisms are obtained from fractographic analysis of the
resulting fracture surfaces. While little discernible dif-
ference is apparent between the fast fracture and cyclic
fatigue crack-growth regions at low magnification,
a clear boundary between the two regions is neverthe-
less clearly apparent in the SEM micrograph shown in
Fig. 12. At higher magnification, cyclic fatigue fracture
surfaces were noticeably more rough and were seen to
exhibit more particulate wear debris compared to the
fast fracture surface (Fig. 13). Increasingly tortuous
crack paths and rougher fracture surfaces were ob-
served at near-threshold growth rates. These observa-
tions are consistent with similar studies in Al

2
O

4
[41],

Al
2
O

3
—SiC

8
composites [39] and in Si

3
N

4
ceramics

[42], all of which are prone to progressive wear degra-
568
dation of bringing zones formed behind the crack tip
during cyclic fatigue. Alternatively, comparisons of
fracture and fatigue fracture surfaces in pyrolythic
carbon composites show little difference [22].

Fatigue degradation has important consequences
for the reliability and overall life of carbonated apatite
materials used in structural applications involving re-
petitive loading. As discussed below, however, these
may be significantly reduced by the progressive re-
modelling of these apatite materials. Similar to other
safety-critical engineering components, fatigue life-
prediction analyses can be based on continuum stress-
life data obtained from smooth samples, or on a frac-
ture mechanics defect tolerant approach [46]. There
are three principal inputs to the more conservative
defect tolerant approach: the initial flaw population or
size of the largest (worst-case) crack pre-existing in the
material (which must be delimited by quality and
process controls), the critical flaw size for catastrophic
failure (which in most cases is defined by the material’s
fracture toughness, K

#
), and the rate at which the

incipient cracks will grow subcritically between these
two limits. Currently, for example, fatigue life analyses
for pyrolytic-carbon/graphite heart valve implants
utilize crack-propagation data conventionally meas-
ured on ASTM-style specimens with long, through-
thickness cracks and from small, part-through (half-
penny shaped) surface cracks [22, 23]. In order to
guarantee adequate service life for these components,
the initial defect sizes must be restricted to very small
sizes due to the low fracture toughness and even lower
stress intensities at which fatigue crack growth occurs.

Under this fatigue damage paradigm, it appears
that similar stringent restrictions would be required
for carbonated apatite materials. Both the extreme
brittleness and high porosity of these materials make
them inherently susceptible to premature brittle frac-
ture. Modifications of the current processing route to
reduce defect distributions together with toughening
strategies possibly involving second-phase reinforce-
ments are likely to produce significant enhancement of
tensile strength, toughness and resistance to subcriti-
cal crack-growth. (Threshold stress intensity values for
most brittle materials, unlike metals, are generally
found to scale with the fracture toughness: *K

TH
for

fatigue crack growth in ceramics is typically &50%
K

I#
[39].) Importantly, however, it must be realized



Figure 13 Higher magnification SEM micrographs showing (a, b)
the increasingly rough fracture surfaces formed under decreasing
cyclic fatigue crack-growth rates compared to (c) the smoother fast
fracture surface. Evidence of particulate wear debris in clearly ap-
parent on the fatigue fracture surfaces. Horizontal arrow indicates
direction of crack growth.

that the effects of progressive remodelling that event-
ually leads to the replacement of the carbonated apa-
tite material with new bone must be recognized in
a more complete fatigue analysis. These effects are not
currently included in typical fatigue life prediction
methodologies used for biomedical devices. Two com-
peting rate-dependent processes will therefore dictate
the total life: the cycle-dependent fatigue damage
mechanism, and the time-dependent remodelling pro-
cess. Both of these processes depend on time, physio-
logical loading cycles and stress levels. A full solution
to this coupled rate-dependent process awaits further
study.

4. Conclusions
The mechanical properties of a commercially
available carbonated apatite, Norian SRS, formed
at physiological temperature have been invest-
igated. The following specific conclusions can be
made:

1. Similar to the mineral phase of bone, the carbon-
ated apatite material has a cellular microstructure
which, from a mechanical property viewpoint, behaves
like a brittle foam.

2. When formed at physiological temperature, car-
bonated apatite has a relatively high porosity (&50%)
which contributes to a low flexural strength of &1.06
MPa in tension, compared to significantly higher
reported compressive strength properties.

3. The brittle cellular foam structure of the carbon-
ated apatite results in increasing measured hardness
with decreasing indenter contact area.

4. Fracture toughness values were determined us-
ing both chevron notch and disc-shaped compact ten-
sion fracture mechanics samples containing atomically
sharp pre-cracks. Low values of toughness of 0.06
MPaIm and 0.14 MPaIm were measured using the
two techniques, respectively. Values are comparable
with other brittle materials like chalk, dental enamel,
sintered HA, brittle foams and dried bone tested at
high strain rates.

5. Cyclic fatigue crack-growth rates, da/dN, meas-
ured in de-ionized water were found to exhibit a
power-law dependence on the applied stress intensity
range, *K, similar to that commonly reported for
a wide range of brittle ceramic materials with a crack
growth exponent m"17. A fatigue threshold value,
*K

TH
, defined for growth rates approaching

&10~9m/cycle, was found to be &0.085 MPaIm or
approximately 60% of the fracture toughness value
K

I#
. Only brittle phenolic foams have reported fatigue

crack-growth behavior at such low values of applied
*K.

6. The low strength and toughness properties of
carbonated apatite measured in tension are not
necessarily inconsistent with the excellent perfor-
mance of Norian SRS reported thus far in clinical
trials where loading is principally in compression.
When completely encased by bone, surrounding
tendon and muscle tissue may be expected to create
a compressive pre-load. In addition, the effect of
constraint imposed by the adjacent bone substrates
on the carbonated apatite in actual fixation applica-
tions may impart significant improvements in strength
and reliability. These issues should be addressed in
future studies.
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